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MODELLING PRECIPITATION
OF THE SECONDARY PHASE IN COMMERCIAL
ZIRCONIUM ALLOYS AT NEUTRON IRRADIATION

The work deals with the study of secondary-phase precipitation in binary and ter-
nary zirconium-based alloys with extra-small content of doping within the frame-
work of the phase-field approach. Developed phase-field model is applied to study
B-phase precipitation in the model system of commercial Zr—Nb—Sn and Zr—Nb al-
loys at thermal treatment. An analysis of local rearrangement of doping and equi-
librium vacancies during precipitation is provided. Kinetics of precipitation, size
and distribution of the precipitates, concentration of the species in precipitates and
matrix are studied. Mechanical response including the plastic deformations in pre-
cipitated solid is discussed. As shown, the yield-strength change increases during
precipitation. Yield and ultimate strength are studied at different shear rates for
the annealed alloy. Formation and growth of slip planes and dislocation loop—pre-
cipitate interaction governed by elastic-moduli difference is analysed. As shown,
the emergence of dislocation loops around precipitates follows the Orowan’s mecha-
nism. Modelling the radiation-induced precipitation during neutron irradiation of
zirconium alloys with low content of doping is performed within the framework
of the developed phase-field model by taking into account ballistic mixing and the
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dynamics of point defects with their sinks. As shown, in a sample initially con-
taining precipitates of the secondary phase, irradiation results in the dissolution of
precipitates at small doses and reprecipitation with dose accumulation. Analysis of
precipitation dynamics and statistical distributions of precipitates with local rear-
rangement of non-equilibrium vacancies around precipitates at neutron irradiation
is provided. As shown, the competition between the ballistic mixing and the thermo-
dynamic force plays a major role in kinetics of radiation-induced precipitation and
precipitates’ dissolution. The estimation of mechanical properties of Zr—Nb alloy
during irradiation under reactor conditions is provided.

Keywords: phase field, precipitation, neutron irradiation, defects, hardening.

1. Introduction

For several decades, zirconium-based alloys have been widely utilized as
materials for the cladding of nuclear reactor fuel rods due to their low
cross-section for thermal neutron absorption, adequate corrosion/hydri-
ding resistance, acceptable plasticity, and high strength. The improved
properties of these alloys are attributed to microstructural features as-
sociated with the presence of niobium. The precipitation of the B-Nb
phase with a body-centred cubic crystalline structure in the o-Zr matrix,
characterized by a hexagonal crystalline structure with close packing, leads
to enhanced corrosion and hydriding resistance [1-5]. It has been demon-
strated that the addition of niobium to zirconium alloys can play a cru-
cial role in solid-phase solubility to extend the claddings’ service life [6].

In commercial alloys modified with niobium and used in research
and industrial reactors, such as ZIRLO, Zr—1% Nb, and Zr—2.5% Nb, the
concentration of added niobium varies from 1 to 3 wt.%, in contrast to
the low concentration of other traditional elements (Sn, Fe, Cr, Ni)
added to improve the physical, mechanical, and corrosion properties of
cladding materials. It has been demonstrated that the precipitation of
niobium strongly depends on the additional alloying elements due to its
high chemical reactivity. The size of B-Nb precipitates is influenced by
the content of additional elements, annealing temperature, and manu-
facturing technology. Experimental data on niobium precipitate statis-
tics show precipitate size (diameter) values in the range of 13-57 nm
with a density of (1-4)x 10" cm™ at temperatures between 573-873 K
and varying levels of additional alloying [7—14]. The corrosion of zirco-
nium is inhibited by the presence of a high density of nanoscale pre-
cipitates [15—-20]. Tin is added to enhance material strength and creep
resistance, reducing zirconium corrosion [21].

Theoretical studies of zirconium alloys alloyed with lead and niobi-
um reveal that lead atoms tend to dissolve in the o-Zr matrix, localizing
vacancies, while niobium atoms form B-phase clusters and exhibit a re-
pulsive interaction with vacancies [22, 23]. In this case, a study of the
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local concentration rearrangement of these two types of atoms and va-
cancies in systems with very low content of alloying elements becomes
challenging when stable-sized precipitates are formed. As known, pre-
cipitates act as obstacles for dislocations, leading to an increase in the
materials’ yield strength. The B-Nb precipitates generate local elastic
stresses that determine changes in strength under mechanical loads and
influence the formation of slip planes during deformation. Studying the
evolution of the defect structure around such precipitates provides fur-
ther insight into the interaction features between precipitates and de-
fects under external loads.

Overall, the study of the local rearrangement of alloying elements
remains a relevant issue for multicomponent alloys, where the precipita-
tion of secondary phases affects the physical and mechanical properties
of these alloys. Earlier studies have shown that due to the strong inter-
action between precipitates and dislocations, closely distributed precipi-
tates significantly improve mechanical properties by Orowan’s strength-
ening [24]. The separated phase can increase yield strength and strength
while reducing material ductility [25]. The matrix—precipitate inter-
phase boundary induces martensitic transformation [26]. Significant
progress in the theoretical study of these effects has been made based
on the classical approaches developed by Cahn and Hilliard [27-31] gen-
eralized into the phase-field theory [32—-3T7].

Additionally, predicting the behaviour of materials under extreme
conditions remains a pressing issue in nuclear energy (for extending
reactor service life, ensuring safety in operation, and developing new
structural materials for reactors) and aerospace science (developing ma-
terials with the best performance in aggressive environments). It is
well-known that under non-equilibrium conditions in materials, espe-
cially when subjected to high-energy particle irradiation, phenomena of
self-organization occur. These phenomena include the dissolution and
precipitation of precipitates, growth and/or amorphization of precipi-
tates, segregation processes, phase transformations, redistribution of
alloying elements, formation of packing defects, and dislocation loops,
all of which lead to changes in the physical and mechanical properties
of the material [12, 38].

In the study of zirconium-based alloys, it has been observed that
during irradiation, the flow of point defects accelerates the diffusion
of alloying elements (Nb at 1-3 at.%, while Sn, Fe, Cr, Cu are less than
1 at.%). This leads to the formation of numerous new precipitates
[39—43]. Detailed experimental and numerical investigations have shown
that the size of B-precipitates (with > 80% niobium content) that appear
in the o-Zr matrix after an incubation dose of about 1 displacement per
atom (dpa) [44], and their density, depend on irradiation conditions [12,
14, 45], while large spherical precipitates are less affected by irradia-
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tion [46]. Non-equilibrium defects generated during irradiation migrate
under the influence of forces determined by gradients of chemical po-
tential and elastic interactions, leading to radiation-induced segrega-
tion, precipitation of precipitates, and the formation of dislocation
loops. These factors collectively affect the materials’ performance in
reactors [12, 38, 45].

Understanding microstructural transformations in such alloys en-
ables the development of recommendations regarding the use of existing
materials for fuel rod cladding or the development of new materials. In
this context, the problem of phase stability in unirradiated samples,
pre-irradiated samples, and structural components under irradiation re-
mains relevant [47]. It is known that atomic displacement cascades lead
to the dissolution of existing precipitates and the formation of new
ones. In such cases, reprecipitation of precipitates can occur, resulting
in a new microstructure composed of existing and newly formed pre-
cipitates. On the other hand, new precipitates can form from a diluted
solution in the matrix due to ballistic mixing of atoms. Both of these
phenomena regulate the material’s behaviour under irradiation and the
alteration of its mechanical and physical properties.

Typically, experimental studies of the aforementioned phenomena
in fuel rod claddings take several years in reactor conditions and are a
costly procedure. An alternative approach involves utilizing multiscale
computer modelling with various methods for analysing material prop-
erties, ranging from quantum mechanics to statistical thermodynamics.
One of the most powerful tools in this procedure is phase-field model-
ling, which allows the observation of the spatial rearrangement of alloying
elements and the transformation of the defect microstructure under
various irradiation conditions [48].

The phase-field approach includes thermodynamic potentials of the
alloys’ components and the concentration of point defects [32—35, 49].
It is widely employed in the study of phase transformations in binary
and multicomponent alloys during heat treatment with local component
rearrangement and defects [33, 50, 51]. It is also used for investigating
radiation damage and microstructure evolution in various materials
[60-57]. This method has been applied to determine mechanical respon-
ses to external loads [57, 58] and investigate martensitic transforma-
tions [59, 60]. For the study of microstructural transformations, the
CALPHAD method is used in combination with realistic thermodynamic
potentials [61, 62]. This, coupled with reaction rate theory for the evo-
lution of point defects, enables the examination of localized defect rear-
rangements [53, 57], their clusters [48], dislocation loops [63], pores
[60, 52, 64], and the formation/dissolution of secondary phases [36].
Modelling using the phase-field method for Zr—Nb alloys during heat
treatment has been discussed in works [37, 65]. Radiation-induced pre-
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cipitation has been studied for zirconium alloys with an elevated nio-
bium concentration [51, 57].

Usually, when employing the phase-field method, one operates with
the spatial-temporal evolution of alloying element concentrations. In
the corresponding numerical procedures, various calculation methods
can be used, such as finite difference methods, Fourier transform me-
thods, and finite element procedures (see, for example, Ref. [66] and
the references therein).

Most studies that use the phase-field method to model microstruc-
tural transformations are performed for alloys with high contents of
major alloying elements (>10%). However, in commercial zirconium
alloys, the alloying content can be less than 1% . Therefore, when model-
ling systems with extremely low concentrations of alloying elements
during thermal processing and irradiation using the phase-field method,
computational challenges arise. These challenges are associated with
handling the entropy part of the thermodynamic potential, which as-
sumes extremely low values compared to other parts of this potential,
leading to computational scheme divergence.

This work employs a method to overcome the aforementioned com-
putational problems for systems with low alloying element content (spe-
cifically, less than 1%). This allows for modelling the precipitation of
secondary phases in commercial zirconium alloys. It begins by examining
the precipitation process in the Zr—1% Nb-1% Sn ternary alloy, which serves
as a prototype for the commercial ZIRLO alloy. The local reordering of
alloying elements and vacancies during the heat treatment of the solid
solution is investigated. A phase-field model using CALPHAD potentials
[61, 62] is developed to provide a more realistic description of the studied
method is combined with reaction rate theory, taking into account bal-
listic mixing and the dynamics of point defects and their sinks.

The novelty of this research lies in studying the local redistribution
of tin and vacancies during the precipitation of the p-phase during heat
treatment, resulting in changes in strength and mechanical response to
external loading. This is regulated by dislocation-precipitate interactions
in the prototype model of commercial zirconium-based alloys. The dy-
namics and statistical properties of f-phase precipitates are examined,
along with the mechanical properties of the annealed alloy at different
deformation rates. The dynamics of dislocation loops are discussed, and
the evolution of dislocation loops near niobium precipitates is analysed
to understand the impact of solid domains and interfacial boundaries on
the distribution of elastic fields, which regulate dislocation motion.

The study further explores two competing mechanisms that deter-
mine the dissolution of precipitates and radiation-induced precipitation
in the binary Zr—2% Nb alloy under neutron irradiation. This helps es-
tablish the details of radiation-induced dissolution and precipitation of
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precipitates. The results obtained are used to assess changes in the me-
chanical properties of the material under reactor conditions. Addition-
ally, this study investigates primary and radiation-induced reprecipita-
tion in the dissolved Zr—2% Nb—0.5% Sn alloy, as well as radiation-in-
duced niobium precipitation within the matrix phase containing 0.4%
niobium. It will be demonstrated that the modelling results align well
with experimental observations.

The structure of the work is as follows. In Section 2, the phase field
model for investigating precipitate formation during heat treatment
and irradiation, considering the dynamics of point defect sinks, is de-
scribed. Section 3 presents the results of the modelling work. Subsection
3.1 provides results for the precipitation process in the Zr—1% Nb—
1% Sn ternary alloy with a statistical analysis. It discusses the dynamics
of the yield strength of precipitates and models shear deformation at
different deformation rates. The obtained deformation curves are dis-
cussed, taking into account the dynamics of dislocation loops and the
‘dislocation loop—precipitate’ interaction. The evolution of stress distri-
bution in a sheared and compressed sample and the local stress redistri-
bution around the precipitate during dislocation loop formation are
investigated. Subsection 3.2 discusses the results of modelling for the
binary Zr—2% Nb alloy during different stages of heat treatment and
irradiation. Dose dependences of the measured average precipitate size,
the density of precipitates, the density of dislocation loops, and streng-
thening under irradiation are discussed. In Subsection 3.3, the results of
modelling radiation-induced formation of nanosized B-Nb particles in the
matrix of the a-Zr solid solution of the Zr—2% Nb—0.5% Sn alloy are pre-
sented. The redistribution of tin atoms and out-of-equilibrium vacancies
(based on their local concentrations) around precipitates is discussed.
The dynamics of the average precipitate size and their number density
are analysed. Section 4 summarizes the main conclusions of the research.

Overall, the research appears to be a comprehensive exploration of
precipitate formation and evolution in zirconium-based alloys during
thermal treatments and irradiation, with a focus on the structural and
mechanical properties of these materials under extreme conditions. The
phase field modelling approach provides insights into the behaviour of
these alloys, even with very low alloying element concentrations, and
offers valuable information for practical applications in nuclear reac-
tors and other extreme environments.

2. Phase-Field Model

In this section, a phase-field model for investigating precipitate forma-
tion during annealing and irradiation in zirconium-—niobium (Zr—Nb)
and zirconium—niobium—tin (Zr—-Nb—Sn) alloys is presented, utilizing
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the CALPHAD method combined with reaction rate theory. Subsection
2.1 outlines the model for microstructural transformations with pre-
cipitate formation during thermal processing. The modelling approach
for radiation-induced transformations during neutron irradiation is dis-
cussed in subsection 2.2. The model used in this work is based on the
assumptions and findings discussed in prior studies [37, 51, 57, 65], the
principles of reaction rate theory [67—69], and investigations into radia-
tion-induced ballistic mixing [70-74].

2.1. Thermodynamic Model of the System at Equilibrium Conditions

As known, the crystal structure of pB-precipitates differs from the mat-
rix structure of zirconium. Furthermore, in the real Zr—Nb system, the
matrix—precipitate interfacial boundary is incoherent. Typically, to de-
scribe structural transformations, an order parameter (phase field) is
introduced to account for this phase difference. To describe the incoher-
ent interfacial boundary, we incorporate a dislocation density into the
corresponding phase-field model. In our recent work [51], we employed
this combined phase-field approach, which allows distinguishing p-phase
precipitates from the o-Zr matrix with vacancy segregation around the
incoherent interfacial boundary. It was demonstrated that the phase
field adheres to the spatial distribution of niobium concentration when
all the niobium-enriched domains belong to the B-phase. This makes it
possible to recognize that phase separation, resulting in the formation
of a niobium-enriched phase solely in B-Nb and the a-Zr phase, can only
be described through the concentration field.

In this study, to describe binary Zr—Nb and ternary Zr—Nb—Sn al-
loys, we operate with atomic concentrations of zirconium and alloying
elements as continuous fields evolving in both space (r) and time (%).
These fields are denoted as ¢, (r, t) = N (r, t)/N for p = {Zr, Nb} in the
case of a binary alloy and u = {Zr, Nb, Sn} for the ternary alloy, where
N (r, t) represents the number of atoms of species u, and N is the total
number of atoms. The vacancy subsystem is described by the concentra-
tion c/(r, t) = N(r, t)/N. In the case of the ternary alloy, we consider
that tin atoms act as traps for vacancies. Interstitial atoms are not ex-
plicitly represented since they have low concentrations compared to va-
cancies. Additionally, by assuming that the diffusion of alloying ele-
ment atoms occurs primarily through the vacancy mechanism, the con-
tribution of interstitials to the thermodynamics can be neglected. The
system is considered in a fixed volume V, and it adheres to the conser-
vation of mass law, i.e., Zucll =1.

The total Gibbs energy of the studied system is expressed as the sum
of all components associated with the thermodynamics of the system
[61]: G,,, = G. + G,, where G, relates to the alloy properties, G, corre-

tot
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sponds to the vacancy subsystem. The molar Gibbs energy of the alloy is
given by G, = G’ + G + G**, where G"/ = 2 G”°c, represents the reference
Gibbs energy, G = RTchulncH accounts for random atomic mixing (R is
the gas constant, and T is the temperature), G** = ¢ c L, , reflects de-
viations from idealness. For the binary Zr—Nb alloy, we have G* =
= €,CnyLige - In Our approach, the reference energies G,)°, Gy, and Gy
are taken for pure o-Zr, p-Nb, and tin in the o-Zr phase, respectively,
based on SGTE (Scientific Group Thermodata Europe) data [62]. L, =
= Zn(cu— e, y'’L", (T), where L*  (T) are temperature-dependent coefficients.

The contribution of the vacancy subsystem G, can be expressed as follows:

G, =G +G* +G™, (1)
where the formation energy of vacancies G, is determined by
f _ 1
G = ch“Gv Ye, . (2)

Here, G /" represents the formation energy of vacancies in pure materi-
als. The corresponding entropy contribution is G “= RT¢c Inc,. The term
G, describes the interaction of vacancies with atoms of the alloy com-
ponents and can be determined using the Gibbs energy components [38]:

int __ int
G =¢) Glc,, (3)
Here, for the vacancy—atom interaction energies, we use
u fsn
Gint _ chh + Gv (4)
v-pu VA *

Here, G* , relates to cohesive energy, Z = 12 is the coordination number.

coh

In this case, the full expression for the Gibbs energy G,,({c},c,) of the
ternary Zr—Nb—Sn alloy is given as follows:

G ({705 Caps Csn 5 €, ) = Gy + Gy, + Gonc, +
+RT ¢, Inc, +cy Iney, +¢g, Incg, +¢,Inc, |+
+chchL%r,Nb + chcSnL%r,Sn + chcSnL(IiIb,Sn +
+ ([Glf’zr +G™ ]ch + [Gf’Nb + Gui’ﬁth} Cap + [Glf’s“ + Gf)’itSn]cSn)cv. (5)

v-Zr

Using the model of smooth interphase diffusion, we represent the
corresponding Gibbs energy functional as:

g = Vim-l.dv |:Gtot ({C“} ,cu) + gl{u (ch)z + K, (ch )2:| , (6)

which includes the gradient terms x, and «,; here, V, is the molar volume.
Following the standard procedure [29], we further assume k, = L%, ,/*/6,
where [ = §,/2 is the coherence width, and §, is the width of the inter-
phase boundary. Without loss of generality, we can set x,= k,= K.
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In the case of the binary alloy, we apply the full Gibbs free energy
functional in the following form:

g =g+

’E —\2
1'"?0 (¢, —€) AV, (7)
where the second term accounts for the deformation energy effect caused
by the difference in compositions of the two phases, E is the elastic
modulus, v is the Poisson’s ratio, n is the lattice parameter expansion
coefficient, and a, ¢ = 0.98 is the average composition value.

From a formal point of view, the dynamics of the system should
satisfy the Cahn—Hilliard continuity equations, which is given as ., =
=V2 M W VOG/dc,, where M, , represents the respective mobility. It is
worth noting that for a system with an extremely low concentration of
alloying elements, the chemical potentials 6G/d¢c, diverge when ¢, << 1
due to the corresponding entropy term. However, the chemical potential
for zirconium does not diverge within the practical range of ¢, (up to
20% niobium is dissolved in the matrix, niobium precipitates contain
up to 80% niobium, and tin in the ternary alloy is dissolved in the mat-
rix). Linear stability analysis shows that this divergence suppresses all
possible spatial instabilities, leading to the non-physical result of sys-
tem homogenization. To avoid this problem and realistically describe
the precipitation of B-Nb precipitates in Zr—Nb and Zr—Nb—Sn alloys
with low levels of alloying elements, it is possible to consider only the
dynamics of the c,, field in the Zr—Nb alloy and the ¢, and cg, fields in
the Zr—Nb—Sn alloy (in combination with the ¢, dynamics) and calculate
the ¢y, field from the mass conservation law. In this case, the law of
mass conservation is not violated, and the niobium concentration values
are obtained dynamically. This approach allows modelling phase separa-
tion processes at extremely low levels of alloying elements, avoiding the
mentioned divergence in the chemical potential in the Cahn—Hilliard
equation for ¢, ¢ (r, t). This approach has been successfully used to
study the precipitation of niobium precipitates in the binary Zr—Nb al-
loy and the ternary Zr—Nb—Sn alloy [75, 76, 77].

Following the standard phase-field approach for phase separation in
ternary systems, we adopt the Onsager diffusion equations proposed by
Khachaturyan [30]. Using the formalism derived earlier, as described in
the works [78—81], we obtain the following system of coupled nonlinear
equations that includes all diffusion flows from all components, as
shown in work [82]:

o :v.[M v vﬁ},

Zr,Zr Zr,Sn
Zr 6 Sn
) 5
atcSn =V. MSn Snv_g + MZr Snv_g ’
' Sn ' 8ch
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d,6,=V- Muvﬁ. (8)
de,

For the considered class of alloys, we employ model assumptions for
concentration-dependent mobilities based on previous works. This ap-
proach allows for a detailed investigation of the transient dynamics of
the phase separation process and can have a significant impact on coarse-
ning kinetics. The coefficients of chemical mobilities M,, ,, My, ¢, and

M, g, are determined as follows [82, 83]:
MZr,Zr = ch I:(]' - ch )2 MZr + chcSnMSn + chchMNb:| ’

Mg, 50 = Csn [(1 — €5,)" My, + ¢g,,, Mg, + cSnchMNb]’ 9)

MZr,Sn = CyCqn [chMNb -1- Cor )MZr -1- Con )MSn] ’

where M =V, D /RT is the mobility of the pure element, D, is the cor-
responding diffusion coefficient. Mobility for the vacancy ensemble is
determined in the standard manner through the vacancy diffusion coef-
ficient: M, =V, Dc,/RT.

2.2. Modelling Irradiation Influence

The presented thermodynamic formalism is applicable to systems in
equilibrium, where the defect concentrations are close to their equilib-
rium values. When considering a system subjected to neutron irradia-
tion, we account for the fact that the concentration of point defects
significantly exceeds their equilibrium values by several orders of mag-
nitude. This leads to radiation-enhanced diffusion of atoms
f)u =D, + D/Jc,) + D(c,), where D, is the diffusion coefficient of atoms,
(c,) and {(c,) are the average concentrations of out-of-equilibrium vacan-
cies and interstitials, respectively, and, D,; are their respective diffu-
sion coefficients [38]. Assuming D, ~ D, we obtain the expression
D, =D, +2D/c,) [84]. When considering atomic ballistic mixing in-
duced by irradiation [70—-74], the dynamics of the atomic subsystem are
governed by equations of the form d,c, = (0,c )" + (9,c,)"". Here, the term
(0,c)" = —V-dJ, corresponds to thermodynamic fluxes, which, in the case
of the ternary alloy, are described by the first and second equations of
the system (8). Therefore, for the Zr—Nb—Sn alloy, we have:

J, =- MWV£+MM,V£ , (10)
’ 5% ’ SCH,
where M, and M, are denoted in Eq. (9). For binary alloy Zr—Nb, one has:
0
J, = —LZTV—g, (11)
de,,.
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where L, =c, (1-c,)[(1- c,)D,, +c,Dy]/(RT) is the corresponding
kinetic coefficient [85]. The term (J,c )" = I'({c,), — ¢ ) describes radiation
induced structural disorder (ballistic mixing of atoms), here the average
is taken over a distribution w(r), related to ballistic exchange at irra-
diation [70-74]: {c)), = [w(r - r')c (r')dr’, where w(r) = [2nR*]'exp(-r/R,)
relates to Yukawa-like potential, R,is the mean atomic relocation dis-
tance [74]. The atomic jump frequency is given by I' = KA, , where K is
the dose rate calculated according to the NRT standard [86], and 4,,, = 50
for neutron irradiation [87].

Let us consider the subsystem of non-equilibrium defects. Generally,
the dynamics of the point defects’ concentrations are governed by equa-
tions of the form d,c,= - VJ, + R/(c,, ¢c,; p,» p,)» Where J, corresponds to
the diffusional flux of d-type defects (d = {i, v}), and R, represents the
reaction part involving the formation, annihilation, and recombination
of defects. For the latter, we can write: R, = K, — D,k,%(p;» p,)Cs — O,CCp»
where K, = K(1 — ¢)(1 — &, — €,) denotes the defect generation rates, ¢,
is the efficiency of cascade recombination, and, &°,and &, represent the
efficiencies of defect clustering (the superscripts s and g correspond to
sessile and glissade clusters). For the intensities of vacancies and inter-
stitials sinks, we have k,*(p;, p,) = Z,"py + Z,/'p; + Z,"py + Z (R,)N,, where
py 1is the dislocation density, p, represents the density of
interstitial and vacancy loops, (R,) and N, are the average size and num-
ber density of precipitates, respectively. Consider that interstitial loops
are (a)-type loops (with the Burgers vector 1/3(1120)), and vacancy
loops are (c)-type loops (with the Burgers vector 1/6(2023)). The pre-
ference factors that determine the preference for defect absorption by
the sinks are as follows: ZV = Z/ =2V =1.1, Z" = Z! = ZY = 1.0,
Z,= 4n. The a, = 4nr, D,/Q, relates to the recombination rate, where
r,, = (2-3)a is the recombination radius of the defect, and, Q, is the
atomic volume.

The diffusion flux of vacancies takes the form J, =J " + J ™, where
J " =—M V(3I'/dc,) represents the thermodynamic flux due to concentra-
tion gradients, and, J ™= M EV /3(1 — 20)V(1 + r2(1 + v)/[3(1 — V)]V?)c,
accounts for vacancy-vacancy interactions through lattice strain [51,
53, 57, 88, 89]. Here, r,,~(2-3)a denotes the root-mean-square dis-
tance between the defect and a matrix atom. In this model, it is assu-
med that interstitial atoms are uniformly distributed throughout the
system. Additionally, considering the relationship D, >> D, leading
to the fast migration of interstitials to their sinks (dislocation net-
works, dislocation loops, precipitates, and grain boundaries) in compa-
rison to vacancies, we can approximate 0,c;~0. This allows us to express
¢, = Ki/(Dikf(pi, p,) Tt a.c). Following the approach extensively discussed
in Ref. [51], in a simplified case, you can set
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o, K, .
DikiZ(pi’pv)+arcu o (12)

R,(c,;p,»p,) * K, —| D,EX(p,»p,) +

Thus, the dynamic equations for the system under irradiation take the
following form:

o, =Te), —¢)-V-J.; (13)
o, =R, (c;p;Hp,)—-V-J,. (14)

It is important to consider the growth of dislocation loops during
irradiation, which leads to an increase in the intensity of sinks as the
dose accumulates. Focusing our study on the kinetics of precipitate nuc-
leation, we continue to use the simplified model while adhering to the
approach described in works [67—69] and applying the formalism pre-
sented in the paper [51]. In this case, the dynamics of the radii of inter-
stitial and vacancy loops, R, = R™ and R, (where m = {a,, a,, a,} repre-
sents crystallographic directions), can be described by the equations:

BOR, = Z'De) - 2'D, () ¢, )+ — i PFgy
3(py +p:;/3) 2N,

(15)

K
bcath = Z:Dv (<cv> - ch) - ZlVDl<Cl> + gvg - bCRv atZVu . (16)
3(pN +pu) 2Nv

Here, b, represents the values of the corresponding Burgers vector, (c,)
is calculated from (c,) directly, ¢, relates to the equilibrium vacancy
concentration near vacancy/interstitial loops [67]. Loop densities, p,; =
= X, 2nR"N;” and p,= 2nR N, are determined by the dynamics of the
number density of interstitial and vacancy loops, N,= N/® and N, satis-
fying equations of the form [68]:

KN N, < N"*/3,
O,N, =1 30,.. (17)

0, N,>N"*/3;

0, ¢ <0,
atNU - ) - ’ Z c? NU N;ﬂax, 18
(e 0 [exp(a) 1] * 070 N (18)

O, ¢ > (I)c’ Nu > N;nax.
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The parameters used in simulations

Paramete r Value Dislircl)?ln- Refs.
Lattice parameters (a, ¢) (3.2; 5.14)-10°8 cm
Atomic volume (Q) 3.32-10% cm?

JZr
Equilibrium vacancy O.54e’Glf’ /kBT at. [84]
concentration (c,,) frac.
Vacancy formation energy 1.8 eV [84]
(G/%)
Vacancy formation energy 2.7 eV [95]
()
Vacancy formation energy 0.94 eV [23]
(@)
Cohesive energy (G,,,”) 6.3 eV [95]
Cohesive energy (G,,,™) 7.5 eV [95]
Cohesive energy (G.,;") 3.15 eV [96]
Reference Gibbs energy —7829 + 125.649T — 241618TInT — J/mole| [62]
(G, —0.00437791T?% — 34971/T
Reference Gibbs energy —8519.35 + 142.048T — 26.4711TInT — | J/mole| [62]
(G, —0.00020347572% + 3.50119-10°7T3 +
93398/T
Reference Gibbs energy 6424.724 — 0.394731T — 8.2590486TInT —| J/mole| [62]
(Gg,”) —0.01681442972 + 0.2623131-10°T% —
—1081244/T — 0.12307-10%/T°
Interaction parameter 15911 + 3.35T J/mole| [62]
(LOZr,Nb)
Inoteraction parameter —148022.5 + 19.4074T J/mole| [62]
(L 50)
Interaction parameter 15439.95 J/mole| [62]
(LOxp,50)
Bulk modulus (K,,) 97 GPa | [97-99]
Bulk modulus (Ky,) 170 GPa | [97,99,
100]
Bulk modulus (Kg,) 58 GPa [101]
Poisson ratio (v) 0.34 [102]
Young modulus (E) 98.8 GPa
Interface width (3) 5 Nm [87]
Diffusivity of Nb in o-Zr 6.6-10 10 15851.4/T m?/s [87]
(D)
Diffusivity of Sn in a-Zr 3.12-106¢ 24 eV/ksT m?/s | [103]
Dy,)

Vacancy diffusivity (D,) 2.2:1072¢70-93 eV/ksT cm?/s | [104]
Interstitial diffusivity (D)) 3.5-10 4 0:06 eV/kyT cm?/s | [104]
Expansion coefficient (h) 0.045
Clusterization efficiencies 0.95; 0.5; 0.17; 0.65; 0.05 [561]
(&, & &% 85 €)
Fitting parameter (4) 5.0 [68]
Fitting parameter (¢,,,.) 3.86 dpa [68]
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Here, we use experimental data on loop nucleation [10, 90—-92]: intersti-
tial loops are formed from the beginning of irradiation and reach typical
values of N, ™ ~ 10' cm™, while vacancy loops nucleate at doses above
the critical ¢,=3 dpa and after reaching a density of N ™ ~ 10'® cm™3;
A and ¢,,, are fitting parameters [68]. All the parameters used in the
modelling are summarized in Table 1.

Thus, the overall dynamics of the system under irradiation is de-
scribed by the set of equations (13)—(18). For numerical calculations,
the following rescalings are used: ' = r/l, t' = tD,/I?>. To ensure compu-
tational accuracy when solving the dynamic equations, a Fourier spect-
ral method is employed on a cubic grid of linear size L = 128Al (Al = 1.0)
with a dimensionless time step of 0.001. The boundary conditions are
periodic. Initial conditions are determined according to the specific
modelling task (see below).

3. Results of Modelling

This section discusses the results of numerical simulations. It begins
with the results of modelling the precipitation of B-phase precipitates in
the ternary alloy Zr—-1%Nb—-1%Sn without irradiation. Next, it ex-
plores the precipitation of precipitates in the binary alloy Zr—-2% Nb
with annealing and neutron irradiation, taking into account the dyna-
mics of point defects with their sinks. The formation of precipitates
during irradiation in the ternary alloys Zr—2% Nb—0.5%Sn and Zr—
0.4% Nb—0.5% Sn is also investigated.

3.1. Precipitation of f-Phase in Zr-1%Nb-1%Sn during Annealing

This subsection is dedicated to the investigation of the dynamics, statis-
tical properties, and mechanical properties of f-phase precipitates and
dislocation loops in the ternary alloy Zr—1% Nb—1% Sn. Subsection 3.1.1
presents the results of modelling precipitation with a statistical analy-
sis. The results of the study of mechanical properties are presented in
subsections 3.1.2 and 3.1.3. The strengthening of the alloy due to
B-phase precipitates is explored, including the modelling of external
mechanical loading in the form of shear deformation and compression.
The yield and tensile strength limits are determined at different shear
rates, and an analysis of the interaction between dislocation loops and
precipitates is performed.

3.1.1. Dynamics of 3-Phase Precipitation
The dynamics of the system during annealing are described by Egs. (8). Ini-

tially, niobium and tin impurities are homogeneously dissolved in the zir-

conium matrix with nominal concentrations: niobium ¢, =¢g, = 0.01:
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(exp(r,t = 0)) = ¢y, tin (cg, (r,t = 0)) = ¢g,, and zirconium (¢ (r,t = 0)) =
= C,05 {(Bcyy, (rst = 0))*) = 0.01c,, ((Bcg, (r,t = 0))*) = 0.01c,,, {(Sc,(r,t =
= 0))*) = 0.01c,,; c,, represents the equilibrium concentration of vacan-
cies. The concentration of zirconium is calculated using the law of mass
conservation.

During the heat treatment, 3-Nb precipitates are formed in the solid so-
lution. In Figure 1 (panel a and b), taken at real-time moments ¢ = 54
hours and 90 hours, we observe the presence of B-Nb precipitates. In
Figure 1, we can see that tin is mostly uniformly distributed in the vo-
lume with slight local deviations from a homogeneous state around the
precipitates, where ¢y, is slightly higher than in the a-matrix. This ef-
fect is caused by the attractive interaction between tin atoms and vacan-
cies, which is well depicted by the local distribution of equilibrium va-
cancies shown in Fig. 1, panel c. The vacancy concentration at the inter-
phase boundaries exceeds the equilibrium value, and tin atoms are
predominantly localized near these domains.

Quantitative investigation of precipitate formation can be conducted by ex-
amining the dynamics of dispersions ((dcy,)? and ((3cg,)?), as shown in
Fig. 2, panel a, where the dispersion plays a role as an effective order
parameter for precipitate formation, analogous to structural ordering
phenomena [105]. An increase in dispersion indicates the formation of
dense and diluted domains of the respective component within the vol-
ume. In the real system, the growth of niobium concentration dispersion
is associated with the formation and growth of 3-Nb precipitates in the
a-matrix. The increase in tin concentration dispersion corresponds to
tin segregation in domains enriched with vacancies (tin-captured) sur-
rounding the B-Nb precipitates.

The profiles shown in Fig. 2, panel b, illustrate the distribution of
tin and vacancy concentrations near the precipitate. It is evident that
elevated tin concentration values are located in vacancy-enriched re-
gions outside the precipitates. The vacancy concentration inside the
precipitates is lower than in the matrix phase due to higher vacancy
formation energy in the B-Nb phase compared to the a-Zr phase. Addi-
tionally, the tin content within the precipitates is exceptionally low
compared to the matrix phase (see Table 1).

For the purpose of performing a statistical analysis of precipitate
kinetics, let us consider the evolution of the number density of precipi-
tates, N,, and their average radius of spherical precipitates, (R, as
shown in Fig. 3, panel a. In the computational procedure, we count all
precipitates containing cy, > c\,*, where ¢,* = 0.63, which is the thresh-
old used for niobium concentration in the B-Nb phase. Consequently, the
average size and number density of precipitates increase to their respec-
tive fixed values. On these time scales, there is no observable coales-
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Fig. 1. Precipitates evolution at thermal treatment of the solid solution at 550 K.
Snapshots illustrating precipitates of B-phase at ¢’ p 460 (a) (nuclei of B-phase preci-
pitates with Nb content >10% inside) and #' = 1000 (b) (Nb content is >60% ). Snap-
shots of spatial rearrangement of tin (¢) and vacancies (d) around precipitates [76]

cence regime. The calculated distance L = (2(D,)N p)‘l/ 2 [106] with be-
tween precipitates of size (D,) = 2(R)) is about 100 nm. The obtained
values of precipitate size, their number density, and the average dis-
tance between precipitates align well with experimental observations
and modelling results [7—14].

The dynamics of the volume fraction of precipitates, V,, is presented
in Fig. 3, panel b. Here, we observe an increase in V, during precipitate
formation, which is in good agreement with the results and the pre-
dicted scenario described in a study [107] after annealing for 500 hours.
The slow dynamics of V, and the corresponding growth in the average
precipitate radius and number density (see Fig. 3, a) are associated not
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Fig. 2. Protocols of dispersion of Nb and Sn concentrations (a).
Typical profiles of Nb, Sn and vacancy concentrations around
B-precipitate (b) [76]

only with the low niobium content but also with the trapping of vacan-
cies by tin, which hinders niobium diffusion within the bulk towards
the precipitates.

As shown in Figure 3, the dependence reveals that the niobium con-
tent in precipitates reaches a constant value of approximately 80%,
while the Nb content in the matrix ¢, = (¢, — Vfcgb)/(l —V,) decreases
over annealing time. In Figure 3, panel d, we observe that the statistical
size distribution of precipitates is close to the Lifshitz—Slyozov—Wagner

distribution (panel ¢) [108, 109].

3.1.2. Hardening by Precipitates

As known, the material strengthening is described as the square root of
the sum of the squares of strengthening components, primarily associ-
ated with the dislocation network, grain boundaries, matrix-dissolved
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Fig. 3. Dynamics of precipitates number density and their mean size (a). Volume
fraction of precipitates (b). Protocols of the content of Nb in precipitates cp and
in the matrix ¢y,m (c). Distribution of precipitates over size (histogram illustrates
calculated data; solid line relates to classical Lifshitz—Slyozov—Wagner distribu-
tion) (d) [76]

elements, precipitates, and other structural defects that impede disloca-
tion motion [110]. The microstructure of the material continuously
changes during thermal treatment, resulting in alterations in the over-
all strength of the material. In this work, we focus on the strengthening
of the material due to B-phase precipitates. The materials’ strength is
proportional to the density and size of these precipitates. To calculate
the corresponding increase in the yield strength, Ac/, required to detach
dislocations from precipitates, we use the formalism developed in Ref.
[111] and its generalization for randomly distributed precipitates [112].
Thus, the increase in yield strength is estimated by the formula [112]:

— 3/2
1 pb 1 (D,)
AcP = — 0 In 2L +0.7
' 2nL-(D,)\In(L/r) .

Here, the shear modulus p, is defined by the corresponding bulk modu-
lus Kg=V, Ky + (1 -V)K, + ¢, Ky, as p, = 3K\(1 — 2v)/2(1 + v),

a4

(19)
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Fig. 4. Precipitate yield strength dy-
namics and its dependence on the
precipitate radius (see inset) [76]

(D,) =(D,)L/({(D,) + L) is har-
monic average, r, = 3b is the
dislocation core radius.

The time evolution of the
yield strength increment Acf,
as obtained from the size and
number density of precipitates,
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is illustrated in Fig. 4. It is ev-
ident that the contribution to the yield strength from precipitates in-
creases with the annealing time and with the increase in precipitate size
(R,) (see the insert in Fig. 4). The corresponding contribution to strength-
ening from precipitates reaches up to 250 MPa for precipitate sizes of
approximately 20 nm. This obtained value of strengthening is in close
agreement with the results discussed in an experimental study [113].

3.1.3. Modelling Mechanical Loads

In order to study the mechanical response of the system to external
loads, we employ a theoretical framework based on the approaches de-
veloped in the works [68, 114—-118]. We introduce the elastic displace-
ment field u and the strain tensor in the standard way: ¢, = (Ou; + du,)/2
with i, j € {x, y, z}. Neglecting the contribution of the equilibrium va-
cancy concentration due to its minor impact on the mechanical proper-
ties of the studied system, the elastic energy of the system can be ex-
pressed as:

Gl e, ) = et + Dlle, 1) + Gaeys e, - (20)
Here, we are considering a more general case where the bulk modulus of
elasticity K depends on concentration K = K({c }). The second term on
the right-hand side of Eq. (20) describes the elastic contributions re-
sponsible for volumetric and shear deformations, taking into account
the crystallographic symmetry of the system. The third term accounts
for the feedback between composition and dilatational strain ¢,.

For the bulk modulus, here, we put [119]

K, -K, m
K =K,+KAcy, K =—"—5, Acy=cg-c. (21)
Cxb ~ b
For elastic contribution ®({,}), we exploit the relation
q)({sij}) = @(62, 83) + ‘{l(e4, €5, ee) ’ (22)
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where the contribution of uniaxial elastic energy @(e,,e;), which charac-
terizes the change in elastic energy due to compressive or tensile defor-
mation, takes the form:

O(ey,e;) = 8_1:52 3 — cos(2ne,) — cos(2me_) — cos(éme3 H , (23)

NE]

for the contribution of shear elastic energy, we have:
Y(e,,e;,e;) = 4_“2[3 — cos(2me,) — cos(2ne;) — cos (2neg ):l . (29)
T

The shear modulus p is conventionally related to the bulk modulus K as
follows. To determine the elementary components of deformation, we use:

e =0u, +ou, +ou, e=0u —ou,
e, =(20,u, -0,u, —0,u)/3, e =0u +0,u, (25)
e,=0,u,+ou, e =0u, +o.u,.

The deformations e, and e, are tetragonal ones, ¢,, e, and e, are shear
deformations, where e, = e, + e, /\/g . For small deformations in linear
elasticity theory, we obtain the standard constructs ® = u(e,? + + e,2)/2
and y = p(e,? + e + e42)/2. Additional elastic contribution G S, caused
by lattice mismatch according to Vegard’s law, is taken in the form
[68, 114-118]
G, = oeAcy, . (26)

For the coupling parameter o > 0, which characterizes the composi-
tional response and volume change, we set a = 2p,.

The dynamics of the elastic displacement vector u under mechanical
loads is described by the following equation [58]

pﬁ:n0V2v+V-6, 27)
ot
where v = 0u/0t is the lattice speed, p is the mass density, 1, plays a role
of shear viscosity, G = {o,} is symmetrical stress tensor with diagonal,
o, = 0G,/0¢,, and non-diagonal, o, = (1/2)0G,/0¢,;, i # j, components.
We apply external mechanical loads in the form of shear deforma-
tion y =7t and uniaxial compression deformation & =&t with a con-
stant strain rate y and ¢, respectively. Then, we numerically solve Eq.
(27), using an annealed microstructure as the initial configuration for
the elastic fields specified as u = 0 and v = 0.
We impose boundary conditions for the elastic displacement vector
u as follows: for shear deformation u, = yz, u,= 0, u,= 0; for compres-
sion, u, = 1/2¢z, u,= 1/2¢z, u,= —ez. Referring to works [112, 120-123],
we conduct simulations with strain rates ranging from 5x107 s up to
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Fig. 6. Evolution of dislocation loops at shear deformation (snapshots correspond to
deformations at points A4, B, C, and D shown in the previous figure) [76]
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10° s 1. As well known, with increasing strain rate, there is a significant
increase in the yield strength and ultimate strength.

In Figure 5, deformation curves for shear deformation of the inves-
tigated Zr—-1%Nb—1%Sn alloy are shown at different strain rates, 7.
The transition from elastic deformation to plastic deformation corre-
sponds to the yield point, o4, which characterizes the material’s resis-
tance to plastic deformation. The ultimate strength, o, corresponds to
the maximum stress values on the stress—strain diagram that the mate-
rial can withstand before failure. It is evident that an increase in the
strain rate leads to an increase in both yield strength and ultimate
strength. Furthermore, with an increased strain rate, the ultimate
strength is reached at a later point (at a higher strain). The dependence
of yield strength and ultimate strength on the shear strain rate is shown
in the insert in Fig. 5. The corresponding increasing dependences with
increasing shear strain rate are well matched to the standard deforma-
tion scenario at various shear rates. These increasing dependences are
explained by the increase in dislocation (loop) density with increasing
strain rate [124]. The decrease in deformation curves and dislocation
loop density signifies a reconstruction of the slip planes by forming
percolation clusters due to the interaction of dislocation loops, promot-
ing the transition to plastic flow.

To monitor the development of the dislocation structure, we study
the distribution of elastic fields, allowing us to observe the evolution of
slip planes within the specimen by examining the evolution of disloca-
tion loops. Slip planes correspond to the maximum shear strain values
e,. It is evident that an increase in external deformation leads to an
increase in the number and size of slip planes. The edge of a slip plane
corresponds to a dislocation loop formed during deformation. In these
edge points, local values of the elastic energy density y are maximal. In
Figure 6, where loops correspond to the maximum vy values, we can see
that the orientations of the slip planes under shear loading correspond
to the most favourable slip directions, in line with the results of the
work [114]. The observed dislocation structure develops from slip planes
(in the form of small clusters). With increased deformation, dislocation
loops form (see the snapshot at (¢,,) = 0.075 in Fig. 6, corresponding to
point A in Fig. 5). Loop glide primarily occurs in the softer phase.

Initially, dislocation loops form around B-Nb precipitates in the re-
gion between phase boundaries, which is in good agreement with results
obtained in other studies [116, 118]. Increased external deformation
leads to an increase in the number and size of dislocation loops in the
softer phase of the sample, characterized by a lower elastic modulus
compared to the harder regions corresponding to precipitates with higher
elastic modulus values. Niobium precipitates primarily hinder loop glide
in one direction (snapshot at (¢, )= 0.085 in Figure 6, corresponding to
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point B in Fig. 5). Here, slip planes tend to intersect each other, result-
ing in the formation of complex dislocation curves and clusters. With
further increased deformation, (c,,) < o, which is associated with dis-
location loop interactions and the development of an extended disloca-
tion structure (snapshot (e,,)=0.095 in Fig. 6, corresponding to point C
in Fig. 5). At higher deformations, far from the yield strength limit, a
percolation structure forms, corresponding to the final stage of the
plastic deformation process before failure (snapshot at (¢ )= 0.105 in
Fig. 6, corresponding to point D in Fig. 5).

Next, let us examine the evolution of elastic stresses in the investi-
gated Zr—-1% Nb-1%Sn alloy sample under shear deformation (y) and
compression (¢) loading. In Figure 7, snapshots of the distributions of
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shear stresses (c,,) are presented together with 3-Nb precipitates. Ad-
ditionally, the inserts show local stress redistributions near precipitates
with subsequent dislocation loop formation. As we can observe, at ini-
tial deformations (snapshots at shear deformation y = 0.05 and compres-
sion deformation € = 0.05, 0.1), stresses in the sample are distributed in
such a way that the maximum absolute values of o, are concentrated
around the precipitates. With further increasing deformation, within
the areas influenced by maximum shear stresses c,,, once they reach a
critical value (the critical resolved shear stress) in one of the slip sys-
tems, according to Schmid’s law [125], the formation of slip planes be-
gins, and dislocation loops nucleate. In other words, a transition to
plastic deformation of the material occurs. At this stage, within the
formed slip plane, due to increasing internal deformations, a region of
negative stresses c,, emerges, as shown in the inset to the snapshot at a
shear deformation of y = 0.12 (Fig. 7). Furthermore, as the size of the
slip planes increases and dislocation loops grow, the maximum in abso-
lute value of the shear stresses o, concentrates in the vicinity of the
dislocation core. Specifically on opposite sides of it (see insets in the
snapshot at a shear deformation of y = 0.17 in the slip plane x = TAl and
perpendicular to it in the plane y = 70Al). The dislocation structure
formed during compression is shown in the last snapshot of shear stress-
es at € = 0.19 (Fig. 7). It should be noted that in the investigated plastic
deformation in the form of shear and compression, the slip occurs along
crystallographic planes with the most favourable orientation relative to
the applied load, characterized by Schmid’s orientation factor [114,
116, 118, 125].

Next, let us discuss the growth of dislocation loops near the -Nb
precipitates and the interaction of the ‘dislocation loop—precipitate’, as
presented in Fig. 8. As we can see, the precipitate captures a segment
of the loop, causing its growth to be restrained (see images in Fig. 8, a).
This behaviour is well correlated with the Orowan’s mechanism, which
is described by the difference in elastic moduli between the precipitate
phase and the matrix phase. Loops are predominantly emerged around
interphase regions, and loop segments localized near precipitates remain
anchored. Segments of the loop outside the precipitate grow in a more
elastically soft region characterized by a lower modulus of elasticity.
According to the Orowan’s mechanism, as stresses increase, mobile dis-
locations bypass the obstacle and leave a loop behind. The loop left be-
hind increases the effective size of the obstacle. Therefore, the process
of loop formation leads to material strengthening due to deformation.
This effect can also be explained by the interaction of loops with pre-
cipitates through elastic fields that occur during deformation (see
Fig. 8, b). It is evident that the shear stresses c,, in terms of modulus
are lower inside the slip plane bounded by the curve corresponding to
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the dislocation loop compared to their values outside the loop. Conse-
quently, loops will grow to compensate for the emerging difference in
shear stresses. Thus, the mismatch in elastic moduli leads to slip outside
the precipitates being more favourable, while the additional stresses
induced by the precipitates resist slipping. A typical interaction of loops
is shown in Fig. 8, c. Here, we can observe the formation of additional
segments due to the reduction in accumulated stress around the loops.
As a result, two or more loops may merge into one, reducing the overall
loop density and forming percolation clusters. Due to the observed in-
teraction of dislocations with precipitates, causing the accumulation of
dislocation loops at the matrix—precipitate interphase boundaries, a ro-
bust network (dislocation structure) is formed, resulting in a significant
deformation strengthening effect [126, 127]. As we can see, dislocations
can slip through precipitates and bypass them according to the Orowan’s
bypass mechanism depending on external stresses. A similar effect of
dislocation pinning by hard p-Nb precipitates in Zr—Nb alloys, based on
the Orowan’s mechanism, was observed in experiments (see, for exam-
ple, [113]).

3.2, Precipitate Formation in Irradiated Zr-2%Nb Alloy

In this section, we model the formation of precipitates in the binary Zr—
2% Nb alloy through thermal treatment and neutron irradiation. Two
stages are discussed separately: annealing of the alloy at 550 K (see sec-
tion 3.2.1), starting from a random configuration, and radiation-in-
duced precipitate formation under various reactor conditions (see sec-
tion 3.2.2). Here, our focus is on the kinetics of precipitation from the
recombination of point defects and the stability of precipitates under
irradiation. In section 3.2.3, a general assessment of strengthening is
conducted, and the increase in yield strength due to radiation-induced
precipitates is calculated.

3.2.1. Evolution of the f-Phase during Annealing

Considering that all niobium is in the B-phase, we associate the process
of B-phase precipitate formation with the creation of niobium-enriched
domains during phase separation, starting from an initially homoge-
neous solution. We examine a binary alloy with 2% niobium content as
a model system for Zr—Nb alloys. Initially, for the thermal treatment
procedure, we set random values for Nb content: (cy(r,t = 0)) =1 —c,
(e (r,t =0)) =c,p ((Bey(r,t =0))?) =0.01(1 — ¢), {(3c,(r,t =0))? =0.01c,y
Subsequently, we calculate the concentration of zirconium according to
the mass conservation law and simultaneously solve Egs. (13) and (14)
with the law of mass conservation, employing expression (11) for the
thermodynamic flux. Here, we investigate the statistical properties of
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Fig. 9. Typical snapshots of Nb precipitation during the thermal treatment at di-
mensionless time instants 600, 800, 1200 (from left to right) at 5650 K [75]
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Fig. 10. Precipitates formed at aging of the alloy at 550 K. Snapshot of precipi-
tates of PB-phase (a). Snapshots of Nb and vacancy concentrations in the quasi-
stationary regime (b). Dynamics of the number of precipitates and mean radius
of precipitates (R,) measured in units ! (¢). Distribution function over precipitate
size in quasi-stationary regime: dashed curve relates to Lifshitz—Slyozov—Wagner
distribution, solid curve corresponds to generalized Marqusee and Ross distribution

(d) [75]
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B-phase formation during thermal treatment, considering only equilib-
rium vacancies.

Figure 9 illustrates snapshots of the evolution of the system with
the formation of the B-Nb phase in the a-Zr matrix. It is evident that
with increasing annealing time, both the number and average size of
precipitates grow. The microstructure of the alloy annealed at T = 550 K
is shown in Fig. 10, a. In this microstructure, B-phase precipitates
(shown in red) are covered with vacancies with a concentration excee-
ding the equilibrium value (the corresponding vacancy concentration is
depicted in yellow). According to the concentration fields of niobium
and vacancies, as displayed in Fig. 10, b, we can conclude that most of
the vacancies with concentrations above equilibrium are located at the
phase boundaries. This is consistent with the results from positron an-
nihilation spectroscopy [7]. Such a distribution of vacancy concentra-
tion is associated with different types of interactions between niobium
and zirconium atoms with vacancies in the thermodynamic potential.
Hence, the vacancy concentration in the B-phase is lower than the equi-
librium value. The concentrations of vacancies and niobium in the a-
phase are distributed almost uniformly. Most of the precipitates have a
spherical shape with small anisotropy.

The dynamics of the number of precipitates (Np) and their average
radius, (R, are presented in Fig. 10, c. The calculated quantity of pre-
cipitates increases rapidly after a certain transition time (physical time
approximately 50 hours), transitioning to a quasi-steady-state regime.
In this regime, only small local disturbances in concentration may occur
within the matrix as the system relaxes towards thermodynamic equilib-
rium. The transition time for the emergence of well-defined precipitates
aligns well with the experimentally observed time scale [128]. To find
the average radius of the precipitates, we compute the volume of all
precipitates and then divide it by the number of precipitates. In the
quasi-steady-state regime, the average size of precipitates that contain
at least 70% niobium is (R,)/l = 3. The average distance between pre-
cipitates of average size, uniformly distributed in a volume of L?, is
approximately ~24[, a value that can be easily calculated considering the
properties of a densely packed lattice. This leads to an estimated ave-
rage size of precipitates of 2R, ~ 30 nm and an average distance between
them of 100 nm. The calculated number density of precipitates after
annealing is approximately 5.7x10* cm=3. For the volume fraction of
precipitates (n, ~ N (4n(R,)*/3L?)), we obtain n, ~ 0.01-0.02. The ob-
tained values for the average precipitate size, the density of precipi-
tates, the distance between precipitates, and the volume fraction are in
good agreement with many experimental results. For instance, experi-
mental data on niobium precipitate statistics show values of precipitate
diameter in the range of 13—57 nm with densities of (1-4)x10'* c¢m™
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at temperatures ranging from 573-873 K [7—13]. In a separate study of
the Zr—Nb—Fe alloy, 20 nm niobium precipitates were observed [129].
Experimental investigations on Zr—2.5% Nb—0.5% Cr showed that in the
non-irradiated system, B-phase precipitates had a size of 13 nm at
576 K [14].

The statistical analysis of the precipitate size distribution function,
P(R,/(R,)), exhibits the form of the Lifshitz—Slyozov—Wagner distribu-
tion with tails observed for R, < (R)) (see Fig. 10, d). It should be noted
that the original Lifshitz—Slyozov—Wagner distribution [108, 109] is
not a direct fit because it has an extended spectrum of particles by size
(as shown by the dashed curve in Fig. 10, d). A more accurate approxi-
mation (as shown by the solid curve) is obtained using the Marqusee and
Ross approach. This is associated with the slow dynamics of (R,), which
is governed by the diffusion coefficient D(R,) u 1/R,* for precipitates in
binary alloys, dependent on precipitate size (details can be found in Ref.
[130]). Here, we assume that nucleation or coalescence of particles du-
ring their coarsening process does not occur.

3.2.2. Radiation-Induced Precipitation

In this subsection, we investigate changes in the statistical properties of
the microstructure under neutron irradiation under different condi-
tions. We also consider the alteration of mechanical properties under
the influence of irradiation. To study the stability of the initial micro-
structure and radiation-induced precipitation of precipitates, we utilize
a previously prepared (annealed) system with the microstructure shown
in Fig. 10 as the target (initial conditions for modelling). We simulate
neutron irradiation at different temperatures and dose accumulation
rates, corresponding to reactor conditions. We consider the case where
defect sinks are distributed throughout the system, and simultaneously
solve Eqgs. (13)—(18).

The typical scenario of new precipitate formation in the system with
the annealed microstructure under prolonged irradiation is depicted in
Fig. 11. The precipitates formed during annealing are represented by
domains in red, while the blue domains illustrate precipitates induced
by irradiation. New precipitates are shown here with sizes exceeding the
lattice constant [ and containing a niobium concentration of over 70%.
As the irradiation dose accumulates, both the number and size of pre-
cipitates increase (compare images at different doses in Fig. 11, a, b).
Figures 11, ¢ and d illustrate the concentration of out-of-equilibrium
vacancies surrounding the precipitates. The concentration of these va-
cancies exceeds their equilibrium value by several orders of magnitude;
so, only high values of vacancy concentration located at the interfacial
boundaries are shown for all precipitates in the system, as seen in unir-
radiated samples. The concentration of vacancies within pB-precipitates
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Fig. 11. Precipitation under irradiation at 550 K and K = 10% dpa/s. Snapshots are
shown at different doses: 1 dpa (a), 2 dpa (b). Microstructure of the irradiated alloy
with vacancy field at 1 dpa (¢). Two-dimensional snapshots of Nb and vacancy
concentration fields at 2 dpa (d) [75]

is extremely low compared to their values within the o-matrix (see
Fig. 11, d). This process demonstrates the radiation-induced formation
of precipitates and their effect on the local vacancy concentration, which
can significantly alter the material’s properties.

Next, let us examine the dose dependences of the total number of
precipitates, N,, and the average precipitate radius, (R ), under various
irradiation conditions, as shown in Fig. 12. Initially, it is worth noting
that the quantity of precipitates remains constant, while the average
radius of the precipitates decreases at small doses. This reduction is due
to the dissolution of existing precipitates, caused by the creation of a
large number of vacancies at low doses, leading to a local reduction in
B-Nb particles due to the blurring of interfacial boundaries. This situa-
tion is typical of radiation-induced dissolution of precipitates, as ob-
served in previous works [47, 51, 131]. This aligns well with the fin-
dings of the study [131], which showed that in the presence of an excess
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of vacancies, precipitate dissolution is favoured. With the accumulation
of a higher dose, we observe an increasing trend in N, and (R,), driven
by radiation-enhanced diffusion and ballistic mixing. In Figure 12, a,
we can observe that at T'= 550 K and an elevated dose rate (K =10"%dpa/s),
the total number of all precipitates (with a radius larger than [ and a
niobium content of over 70% ) increases after a certain incubation dose
(approximately 0.8 dpa) [44]; precipitates with a radius smaller than [
are not considered. At a higher temperature (the curve at T = 570 K,
K =10% dpa/s), the number of precipitates is less than that at T = 550 K
with the same dose rate. When the dose rate is reduced, the number of
precipitates decreases due to a lower flux of defects, which regulates
atomic diffusion and ballistic mixing (compare the curves at T = 5650 K
and different K values). The dynamics of the number of radiation-in-
duced precipitates, N,*, are shown in the inset of Fig. 12, a. It is evident
that at an elevated dose rate, the precipitation process begins at a low
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Fig. 13. Histograms of the precipitate size distribution at different irradiation con-
ditions at 6 dpa: T =550 K, K = 5x1077 dpa/s, solid line relates to the lognormal fit
(a); T =550 K, K = 107 dpa/s, solid line relates to the lognormal fit (b); T = 570 K,
K =107 dpa/s, solid line relates to the Gaussian (normal) fit (¢) [75] Snapshots are
shown at different doses: 1 dpa (a), 2 dpa (b). Microstructure of the irradiated alloy
with vacancy field at 1 dpa (¢). Two-dimensional snapshots of Nb and vacancy con-
centration fields at 2 dpa (d) [75]

radiation dose, whereas at a lower dose rate and elevated temperature,
precipitation starts at higher doses. In Figure 12, b, it is apparent that
new precipitates with a size of approximately [ emerge after an incuba-
tion dose of around 0.8 dpa. Here, the dissolution changes with the
precipitation of new precipitates, where the material for these new pre-
cipitates is taken from the remaining niobium concentration in the ma-
trix and additional concentration from the dissolved precipitates. The
size of the new precipitates is smaller at higher dose rates compared to
the size obtained at lower doses. At the same time, the density of the
number of precipitates is higher at higher dose rates. A similar trend is
observed with increasing irradiation temperature.

The results indicate that increasing the irradiation temperature and
decreasing the dose rate have a similar effect. This effect is explained
by the competition between ballistic mixing, responsible for the instabi-
lity of a homogeneous configuration in the matrix with low niobium
concentration, and the thermodynamic force that suppresses this insta-
bility, as shown in previous studies (see Refs. [48, 51]).

Calculated values of the density of precipitates and the average ra-
dius of radiation-induced precipitates in the quasi-stationary regime are
N,~10" cm™, R"~12nm at T = 550 K, K = 10° dpa/s; N," 4.1x10" cm,
Rp* ~13 nm at T'= 550 K, K = 5x107" dpa/s; Np* ~ Tx10™ cm™3, Rp*z 14 nm
at T =570 K, K = 10°% dpa/s. These obtained values are in good agree-
ment with experimental observations discussed in the referenced papers
[12, 44, 45]. Additionally, the results align well with experimental data
from the OSIRIS reactor (CEA, Saclay, France), where an increase in the
minimum precipitate size from 6 nm to 18 nm was observed at doses of
18 dpa with a density of approximately 10**cm= (see Ref. [14]).
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The statistical size distribution of precipitates under different irra-
diation conditions is presented in Fig. 13. Several key differences in the
properties of the size distribution functions between the non-irradiated
and irradiated systems should be highlighted. Firstly, this difference is
due to the low dispersion of distributions for irradiated systems. In
these cases, most particles have sizes close to the average. Secondly, the
shape of the distributions for non-irradiated and irradiated systems dif-
fers. In the case of a system irradiated at a low dose rate (Fig. 13, a),
the size distribution function exhibits a tail for R > (R)") (fitted by a
lognormal distribution represented by the solid curve). The dispersion
of the corresponding lognormal distribution increases to 36% when the
dose rate is elevated (see Fig. 13, b). This increase is attributed to the
emergence of additional spatial instabilities caused by intensified bal-
listic mixing at higher dose rates. This is accompanied by a higher prob-
ability of the existence of small precipitates (with R,” <(R)) and a lower
probability of the existence of large precipitates (with R* > (R,")) at the
same dose. With increasing temperature (see Fig. 13, b, c), the size dis-
tribution function becomes more symmetrical. It is well approximated
by a Gaussian distribution. The results indicate that raising the tem-
perature leads to a reduction in the dispersion of the distribution cen-
tred on R’ ~ (R,"), which is different from the previous cases. There-
fore, the change in the shape of the distribution function is associated
with the competition between ballistic mixing and thermal diffusion,
resulting in the formation and growth of new precipitates in the pre-
sence of the growth/dissolution of existing precipitates.

The typical dynamics of the density of interstitial and vacancy loops
is shown in Fig. 14. Here, the density of interstitial loops increases to
3x10% ecm3, while the density of vacancy loops reaches values up to
10® em™3. At 6 dpa, the density of interstitial loops increases approxi-
mately to 8x10° ecm™=, and the density of vacancy loops is around

58 ISSN 1608-1021. Prog. Phys. Met., 2024, Vol. 25, No. 1



Modelling Precipitation of the Secondary Phase in Commercial Zirconium Alloys

7x108 ecm2. These results are in good agreement with the majority of
experimental observations [12, 45, 132].

3.2.3. A Hardening Estimation

As known, formed dislocation loops and precipitates act as sinks for the
movement of dislocations, leading to radiation hardening of irradiated
materials. Using the obtained data, we can to assess the change in the
mechanical properties of the studied system.

The increase in shear stress, Art,,, required to detach dislocations
from sinks determines the yield strength increment Ac, = M,Art,,,
where M, = 3.5 is the Taylor factor [133, 134]. In our case, the total har-
dening due to sinks is described by the increase in shear stresses [135]:
At,, = (At? + At ?)"?, where At pertains to interstitial dislocations and Ar,
corresponds to precipitates. Contributions from dislocation network and
grain boundaries are not considered here. To compute the total increment
in yield strength Ac,''t, we use the average size of all possible precipi-
tates and the corresponding total number density in the definitions for

F
At, [136]: At, = ubJ2AR)N,, o, = —O.85a0p%1n(2b [2R )N ),

where o, is the barrier strength [137]. Here, the coefficient 0.85 takes
into account the random distribution of sinks, a,, = 0.1, (F)=1.25.
Strengthening due to dislocation loops is described by a dispersion-hard-
ening model [138]. For interstitial dislocation loops in one direction, we
F
have: Ar, = o, ub\p,/n, o, =-0.850,, <2—>1n(2b1/pL/n) , wWhere a,; =~
i
~=0.2, p,=3p,+p, is the total density of dislocation loops, including all
crystallographic directions, and b=(b,+b,)/2. To calculate the increment
in yield strength due to radiation-induced precipitates, Ac,,*, we use At,’
and o, redefined as (R,") and N,".
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The corresponding dose dependences for the total yield strength
increment and the yield strength increment induced by radiation-in-
duced precipitates are shown in Fig. 15. The primary contribution to the
overall strengthening is due to the growth of dislocation loops during
irradiation, leading to dose dependences up to 185 MPa at 6 dpa in the
reactor conditions. The strengthening due to radiation-induced precipi-
tates, AGYP"', presented in the inset, indicates an increase in the yield
strength increment to 8.6 MPa under low-temperature and high-dose rate
conditions. With increasing temperature or decreasing dose rate, lower
values of Ac,,"component are observed. The values of the yield strength
increment are in good agreement with experimental observations [45].

3.3. Modelling Radiation-Induced Precipitation
in Ternary Zr-Nb-Sn Alloys

In this section, we present the results of calculations for the ternary
alloys Zr—2% Nb—0.5%Sn and Zr—0.4% Nb—0.5% Sn under neutron ir-
radiation. The modelling is carried out in two stages. First, the sample
is prepared by heat treatment of the solid solution, where the system’s
dynamics are determined only by diffusion fluxes. Here, we model the
formation of nanosized B-Nb particles in the o-Zr matrix and the local
rearrangement of lead atoms and equilibrium vacancies. In the next
stage, using this microstructure as a target, we investigate radiation-
induced precipitation of precipitates and the dissolution of pre-existing
precipitates. Here, radiation-induced atomic mixing and the dynamics
of the relevant non-equilibrium defects are considered together with
thermodynamic flows.

We conducted the annealing of the Zr—2%Nb—-0.5%Sn alloy at a
temperature of 570 K. As the initial configuration, we took a solid solu-
tion with a random distribution of concentrations and average values
for all elements: (c,) = 0.02, {(¢g,) = 0.005, {(c,) = c,,. The system’s dyna-
mics are described by equations (8), and the concentration of zirconium
is determined according to the law of mass conservation. In Figure 16,
a, b, a typical microstructure formed during heat treatment is present-
ed. As we can see, 3-Nb precipitates are surrounded by vacancies, whose
concentration exceeds the equilibrium value. This distribution of va-
cancy concentration is related to different types of interaction of nio-
bium and zirconium atoms with vacancies in the thermodynamic poten-
tial. This implies that the concentration of vacancies in the B-phase is
lower than the equilibrium value. The concentrations of vacancies and
niobium in the a-phase are distributed almost uniformly. The annealing
duration was 1450 hours. Precipitates larger than 5 nm were observed
approximately 50 hours after annealing. Most precipitates have a spher-
ical shape with slight anisotropy and contain about 75% niobium. The
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Fig. 16. Snapshots of 3-Nb precipitates and local distribution of Sn concentration
(a) and B-Nb precipitates surrounded by vacancies with concentration exceeding
equilibrium value (b). Precipitate size distribution function (¢) [77]

Fig. 17. Snapshots of microstructure at irradiation: 0.1 dpa (a) and 2.0 dpa (b) [77]

average radius of the precipitate (R, is approximately 13 nm; the den-
sity of precipitates is of 5x10!* cm™ that is consistent with most ex-
perimental data [12]. A statistical analysis of the precipitate size distri-
bution follows the Lifshitz—Slyozov—Wagner distribution (see Fig. 16,
¢). As in the case of the binary alloy Zr—2% Nb, a more accurate ap-
proximation is provided using the Marqusee and Ross approach. Here,
we also assume that during the coarsening process, no nucleation or
coalescence of particles occurs.

The prepared target is irradiated at the same temperature with a
dose rate of K = 10°® dpa/s. The overall dynamics of the system during
irradiation are described by a set of Egs. (13)—(18) using expressions (9)
and (10). The dislocation density is 102 cm™2. A typical scenario of mi-
crostructure evolution under irradiation is shown in Fig. 17. It can be
observed that precipitate sizes are smaller at lower doses (Fig. 17, a).
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Fig. 18. Dose dependences of the mean precipitate size and pre-
cipitate number density. Histograms of size distributions are
shown in the inset at different doses [77]

This is due to the dissolution of previously existing precipitates and the
formation of small 3-Nb clusters at low doses. As the dose accumulates,
radiation-induced precipitation of precipitates occurs with an increa-
sing number of precipitates. The concentration of tin locally increases
in regions enriched with vacancies. Such behaviour of tin concentration
is related to the trapping of vacancies by tin atoms. The most out-of-
equilibrium vacancies are concentrated in areas enriched with tin
atoms, away from the -Nb precipitates.

The dose-dependent changes in the average radius of precipitates
(R, and their number density N, are presented in Fig. 18. As you can
see, the dissolution of existing precipitates is accompanied by a reduc-
tion in their average size and number density. The precipitation of ra-
diation-induced precipitates occurs at doses greater than 0.1 dpa, where
the precipitate radius increases according to a power law as (Kt)%23. The
number density of precipitates N, shows a slow increasing trend. The
average size increases to about 13 nm at doses around 2 dpa, while their
density increases to 5x10' cm™. These values for the average size of
precipitates and their number density correlate with experimental ob-
servations collected in the study [12]. Histograms of the precipitate size
distribution at different doses are shown in the inset of Fig. 18. Here,
at low doses, the distribution closely resembles a normal distribution,
while, at higher doses, it approaches a lognormal distribution. This is
consistent with experimental data on precipitate size distributions [47].
In the studied scenario, we observe the precipitation of new precipitates
as atoms are displaced from the surface of pre-existing precipitates due
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Fig. 20. Snapshots of microstructure at irradiation of Zr—0.4% Nb—-0.5% Sn alloy:
0.8 dpa (a), 1.2 dpa (b), 3 dpa (c) [77]

to cascade mixing. These displaced atoms redistribute within the matrix
and aggregate into new precipitates through radiation-stimulated diffu-
sion by establishing new equilibrium conditions with the newly formed
precipitates. This process leads to the formation of new precipitates and
the reconfiguration of the microstructure in response to irradiation.

In this model, all precipitates contain approximately 80% niobium,
while the rest of the niobium is distributed within the matrix. Under
normal conditions, the niobium atoms dissolved in the matrix cannot
form new precipitates. This only becomes possible when non-equilibrium
defects created during irradiation enhance the diffusion of the solute.
To investigate this effect, we examine the radiation-induced precipita-
tion of precipitates in the highly soluble alloy Zr—0.4% Nb—0.5% Sn.
Based on the results of the thermal treatment stage, we consider that
20% of the niobium resides in the matrix, dissolved between the pre-
cipitates of the B-phase in Zr—2% Nb—0.5% Sn. As the initial configura-
tion for the part of the alloy between the precipitates, we choose a nio-
bium concentration of 20%, which corresponds to 2% of the total nio-
bium content in this alloy. Therefore, we are examining the Zr—0.4%
Nb-0.5%Sn alloy. Initially, we randomly distribute both alloying com-
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ponents within the zirconium matrix (similar to the thermal treatment
stage), and then we model the influence of irradiation. The results ob-
tained are presented in Figs. 19 and 20. Clearly, precipitates emerge
after an incubation dose of approximately 0.8 dpa (see Fig. 19). Their
quantity increases as the dose accumulates, and the average size slowly
decreases after a dose of 2 dpa, which is related to the increased dynam-
ics of their number density. In this case, the precipitates appear in the
form of clusters due to radiation-stimulated diffusion and grow to a size
of 10—11 nm with a density of 2x10* ecm™ at doses up to 3 dpa. The
obtained values for the precipitate size and their number density align
well with experimental observations of the studied alloys [12, 47]. Thus,
by employing such modelling, it is demonstrated that radiation-sti-
mulated diffusion can initiate the precipitation processes in soluble
systems.

4. Conclusions

An efficient approach for modelling the precipitation processes of sec-
ondary phase precipitates during thermal treatment and radiation-in-
duced precipitation of new precipitates in binary and ternary alloys
with low alloying element content and concentration-dependent mobili-
ties has been proposed. The developed phase-field model is based on the
CALPHAD approach, utilizing a thermodynamic potential database for
all alloy components and including non-equilibrium vacancies. The
structural disorder generated during irradiation is represented by intro-
ducing ballistic mixing with a fixed atomic displacement value, which
is in accordance with previous modifications of the phase-field approach.

The modelling algorithm was employed to investigate the dynamics
of B-phase precipitate formation in a model of the commercial Zr—
1% Nb—-1%Sn alloy during thermal treatment. Local rearrangements of
the alloying elements and defect concentrations with different interac-
tion types were studied. In the investigated alloy, it was found that j-
phase precipitates begin to form after approximately 70 hours of an-
nealing at a fixed temperature. It was demonstrated that the non-uni-
form distribution of vacancies in the volume results in non-uniform
distribution of tin, which acts as vacancy traps, while 3-Nb precipitates
contain an extremely low concentration of vacancies due to mutual re-
pulsion interactions. The analysis of the precipitation process revealed
a trend in the precipitate size approaching a stable value over time,
driven by the low alloying element content, excluding coalescence. The
estimation of the yield strength increase due to B-phase precipitates was
shown to increase over annealing time and precipitate size. Modelling
the mechanical loads in the form of shear deformation of the annealed
alloy in the presence of precipitates revealed that an increase in the de-
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formation rate leads to an increase in the corresponding values of yield
strength and strength.

It was shown that during the development of plastic deformation,
dislocation loops are formed due to the slip around interphase boundar-
ies. Solid precipitates confine loop segments near precipitates, while
segments outside precipitates, following the Orowan’s mechanism, grow
into a softer (matrix) phase. The interaction between ‘dislocation loop—
precipitate’ was found to be determined by the difference in the elastic
moduli of the matrix phase and the precipitate phase.

In the context of the proposed approach, competing mechanisms
responsible for microstructural transformations in the binary Zr—2% Nb
system under neutron irradiation were also investigated. The model
simulated the precipitation of B-phase precipitates during thermal treat-
ment, their dissolution, and radiation-induced precipitation under reac-
tor conditions. The obtained results extend previous research on micro-
structural transformations in Zr—Nb alloys. The time scales of the ap-
pearance of well-defined precipitates during annealing and the incubation
dose for the formation of radiation-induced precipitates qualitatively agree
with experimental observations. The local distribution of non-equilib-
rium vacancies around [ precipitates corresponds to atomistic simu-
lations and can be used to interpret positron-annihilation results for
Zr—Nb alloys. The dynamics and statistical properties of precipitate dis-
solution in unirradiated and radiation-induced conditions were studied.
A joint consideration of precipitation kinetics with point defect sinks
was used to estimate the strengthening of the irradiated alloy, quanti-
tatively and qualitatively consistent with experimental observations.

Moreover, as a model system under irradiation, the ternary Zr-2%
Nb-0.5% Sn alloy was investigated. It was shown that vacancies with con-
centrations exceeding their equilibrium value accumulate at phase boun-
daries, leading to the smearing of tin atom concentrations within the
volume with some segregation at interphase boundaries. During irradia-
tion, most non-equilibrium vacancies and tin atoms are concentrated at
the phase boundaries, related to the trapping of vacancies by tin atoms.
Precipitate re-precipitation processes during irradiation occur through the
dissolution of existing precipitates and the formation of new ones from
the atomic supply due to the structural disorder. The difference in the
shape of the precipitate size distribution functions for samples before
and after irradiation indicates a more complex nature of the radiation-
induced precipitation process compared to the standard precipitation
scenario during annealing. As shown, this process begins after an incu-
bation dose due to the competition between diffusion and ballistic mixing.

The obtained results are consistent with experimental observations
under corresponding conditions and can be used to predict material
behaviour under annealing, irradiation, and mechanical loads.
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MOJIEJIIOBAHHS ITPEITUIIITAIIIL BTOPMHHOI
®ABU Y KOMEPIIMHUX IIMPKOHINOBUX CTOIIAX
IIIT YAC HEMTPOHHOI'O OIIPOMIHIOBAHHS

Pob6oTa cTocyeThCs MOCHiMKEeHHA BUMAAIHHSA IPeIuIiTaTiB BropuHHOI Gasu y OiHap-
HUX 1 IOTPIAHUX CTONAaxX Ha OCHOBI IITMPKOHiIO 3 HU3bKUM BMiCTOM JIeI'yBaJbHUX eJie-
MEHTIiB y MeKax miaxoxy (asoBoro moJs. Pospobienuii mozeab (pa3oBOTO IIOJA 3a-
CTOCOBAHO [JII BUBUEHHS BUIIQ[IHHA NPEIUNITATIB y MOJeNI0 KOMEPIiHUX CTOIIiB
Zr—Nb—Sn i Zr—Nb mig uac repmiunoro o0pobiaenus. [IpoBemeno aHanisy JOKaJIbHOTO
nmeperpynyBaHHA JIeI'yBaJIbHUX €JIEMEHTIB 1 piBHOBajKHMX BaKaHCIHM mij yac BUHIALiH-
HA mnpenumiTariB. BuKoHaHO HOoCHiqiKeHHA KiHETUKU BUNIAAIHHA, PO3MipiB i posIo-
Iiy mpernuIiTaTiB, KOHIEHTPAIl YacTUHOK y mpernumitarax i marpuii. O6roBopeHo
MeXaHiuHi BJJaCTUBOCTI Ta MJIacTUYHY Aedopmaliiio y ToTpifiHoOMy cTONi 3 BUAiTeHUMU
npenunitaramu. Ilokazano 3pocTaHHA IPUPOCTY MeXKi MIMHHOCTU IIifi 4ac yTBOPEH-
HA npenunitaTtiB. BusHaueHO MeKi MJIMHHOCTM Ta MIiITHOCTU 3a PiBHMX IIBUKOCTEN
3cyBHOI medopwmarii Binmanenoro cromy. IIpoananizoBaHo yTBOPEHHSA Ta PiCT MJIOIIIUH
IPOKOB3YBAHHA Ta B3AEMOJII0 NUCJIOKAIIINHMUX IeTeab i3 mpenumitaramu. Ilokasaso,
10 (hopMyBaHHS AMCIOKAIIMHUX MeTeJib HAaBKOJIO IIperuIriTaris BigoyBaersea 3a Opo-
BaHOBUM MexaHizMoM. IIpoBemeHO MOAeIOBaHHSA PafifAIiiiHO-IHAYKOBAHOTO BUNIAiH-
HA HOBUX IIPEIUIiTaTiB Iifi yac HEUTPOHHOTO OIIPOMiHIOBaHHA IMUPKOHINOBUX CTOIiB
3 HUBBKOIO KOHIIEHTDPAIli€I0 JeI'YBAJIbHUX €JIEMEHTIB y MeyKaX PO3POOJIEHOTO MOJIEJII0
(a3oBOTO mOJIA 3 ypaxyBaHHAM OAJTiCTUYHOTO IE€PEeMilllyBaHHA Ta JUHAMIKKM TOYKO-
Bux nmederTiB 3 ixHiMmu crokamu. Ilokazano, 110 B 3pa3Ky, AKUI IIOYaTKOBO MiCTHUTH
IpenunIiTaT! BTOPMHHOI (asy, ONPOMiHEHHS CIPUUYMHIOE PO3UYMHEHHS IIPEIUIIiTaTiB
3a MaJIIX 103 i BUNIAAiHHA HOBUX 3 HAKOIIMWYEHHAM J03U. BUKOHAHO aHAJI3y AUHAMI-
KU PafifgiiHO-CTUMYJIH0BAHOTO BUNALIHHSA IIPEIUIIITATIB i CTATUCTUYHUX PO3MIOiIiB
IPenuNIiTaTiB i3 JOKAJbHUM IleperpynyBaHHAM HEPiBHOBAXKHUX BaKaHCI HABKOJO
npernumitariB. I[lokasaHo, III0 KOHKYPEHIIiA MiK OaJiCTUYHUM MepeMilTyBaHHAM i
TEPMOAVHAMIYHOIO CHJIOIO Bifirpae roJIOBHY POJIb y KiHeTHIII pamidmniiiHo-iHIZyKOBa-
HOTO BUIIQiHHA Ta po3unHeHHdA npenumitaris. IIpoBeseHo OIiHKY MeXaHIUHUX BJac-
TuBocTel cromy Zr—Nb 3a OIpOMiHIOBAHHS B PEAKTOPHUX yMOBaX.

Kiarouosi caoma: (asoBe Iosie, MPemUIiTATH, HEHTPOHHE OINPOMiHEHH:, IedeKTH,
3MIiITHeHHS.
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